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1) This chapter is dedicated to Pierre Beauchamp, who has not only guided
the authors into the complex and tortuous world of dislocations for the past
10 years but has also showed them a fair way to behave as a scientist.

3.1
Introduction

The past two decades have witnessed an amazing development in the fabrication
of systems characterized by one or several dimensions in the nanoscale. These
so-called nanostructures include, for instance, nanospheres, nanowires, and
nanopillars. An intensive research is being done looking for potential applications
in various domains such as mechanics, electronics, optoelectronics, photonics,
phononics, and so on. The mechanical characterization of these nanomaterials
constitutes an important part of this research, since it has been shown that size
reduction is often accompanied by large variations in common properties such as
strength, hardness, or ductility [1]. For instance, an interesting and intriguing
phenomenon is the apparent increase of the ductility range for nanoscale systems
compared to the bulk material. Many experiments suggest that nanomaterials
could exhibit specific and unusual mechanical properties [2-5], which explains
the current interest in the research community and the large number of dedicated
studies.

Several limits are commonly used to define the different regimes of the
response of a material submitted to a mechanical stress. Among these, the elastic
limit, also known as the yield strength, defines the point at which the deformation
of the material becomes irreversible, that is, plasticity occurs. Figure 3.1 shows the
variation of the yield strength as a function of size for different kinds of
nanoscaled systems made of silicon. Obviously, the onset of plasticity is different
here compared to bulk materials, with a dramatic increase of strength for smaller
sizes. Several mechanisms have been proposed for explaining experimental
observations [1].
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Figure3.1 Variation of the yield stress (left) and true fracture strain (right) as a function of the size
for different nanomaterials. Courtesy of W.W. Gerberich et al. [11]

The determination of the yield strength is difficult in general, since it is associated
with the onset of plasticity. Usually, the elastic limit and the yield strength correspond
to the deviation from linearity in the measured stress—strain curve, although other
choices can be made depending on the material. In bulk materials, it depends on the
sensitivity of the measurement. In fact, the irreversible displacement of dislocations
present in the material may occur even for very low deformation, in the apparent
elastic regime. Itis therefore difficult to define the onset of plasticity in bulk materials
from macroscopic measurements. Its determination is also difficult in the case of
nanomaterials, since specific apparatus and techniques are needed for measure-
ments. Additional insights can be obtained from several theoretical approaches,
which do not suffer from the same limitations. The issue of the onset of plasticity has
been largely examined in the framework of elasticity theory [6-9]. Numerical
simulations at the atomistic level also allow reproducing mechanical tests, although
they are generally restricted to systems with dimensions closer to tens of nanometers
rather than micrometers.

In this chapter, we describe the elastic and atomistic modeling of the onset of
plasticity in nanomaterials. Note that we focused on systems including surfaces and
for which one or several dimensions are in the nanoscale. This definition not only
includes nanopillars and nanowires (1D) and nanospheres (0D) but also supported
thin films (2D). Conversely, we did not consider systems characterized by interfaces
such as embedded defects (aggregates of point defects, dislocations). Another
important issue is the mono- or polycrystalline nature of the nanomaterial. In fact,
it has been shown that the plastic properties of nanopillars could strongly depend on
their internal structure [10]. For the sake of simplicity, here we focus on monocrys-
talline materials.



3.3 Driving Forces for Dislocations

3.2
The Role of Dislocations

The plastic deformation in crystalline materials can be associated with different
mechanisms, all involving an irreversible displacement of the matter. The latter can
result from the motion of individual atoms (diffusion) or from the collective
displacement of atoms in dislocation form. For polycrystalline materials, the plastic
deformation can also be due to the rotation and motion of grains. Here, we will
consider only the plastic deformation through dislocation nucleation and displace-
ment prior to the failure of the material (fracture). Useful basic information and
theory of dislocations in bulk materials can be found in well-known textbooks [8, 9].

In usual bulk materials, the onset of plastic deformation is characterized by the
displacement of the dislocations originally present. Depending on the conditions, the
later stages of the deformation correspond to the generation of new dislocations,
typically through multiplication. Several kinds of mechanisms have been identified
[8, 12], the most common one being the Frank—Read and Bardeen—Herring sources,
the multiplication by double cross-slip, or the nucleation from surfaces and interfaces.
However, it is not clear whether the first mechanisms could be dominant in
nanomaterials. In fact, these systems are characterized by one or several dimensions
in the nanoscale, which is likely to impede such sources. Furthermore, these
mechanisms require the presence of initial defects, usually in very low concentration
in nanomaterials. As a consequence, although original multiplication mechanisms
specific to nanomaterials have been postulated [13], dislocation nucleation is expected
to be the main process in these systems, an assumption supported by experimental
observations [14-16] and the obvious fact that the surface/volume ratio is much higher
in nanomaterials than in bulk materials. Even in the case where dislocations are
presentin the system, ithas been proposed that these dislocations are firstannihilated
by escaping to free surfaces, followed by the nucleation of new dislocations [17].

In the following, we focus on the mechanism of dislocation formation from an
infinite surface. We first describe the two main forces that will act on a dislocation and
the specific case of a dislocation in the vicinity of a surface. The elastic and atomistic
modeling of the dislocation nucleation process is then described. Finally, we discuss
how these results can be extended to more complex geometries (nanowires) and
propose some perspectives.

33
Driving Forces for Dislocations

The elastic field associated with dislocations is slowly decaying from the dislocation
core according to an inverse power law. Consequently, a dislocation in a real material
is expected to interact with many defects (other dislocations, grain boundaries, point
defects, surfaces, etc.), all of them exerting a force on the dislocation. However, for
our purpose, we first focus on a single isolated dislocation in an otherwise perfect
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bulk material. In this case, there are two factors that may change the dislocation
configuration in the crystal.

3.3.1
Stress

When a dislocation of Burgers vector b with the dislocation line & is displaced in the
field of alocal stress o, there is a change of energy proportional to the product between
the stress and the area swept by the dislocation displacement. Following the
definition of a force acting on a dislocation given by Hirth and Lothe [8], it is
therefore possible to define a force F, acting on an infinitesimal dislocation segment
of length I, with the following expression:

— = (ob) x & (3.1)

which is well known as the Peach—Koehler formula (see Ref. [18] for instance for an
explained derivation). This is the driving force for displacing dislocations due to the
local stress, and in extenso in a material submitted to a mechanical action.

33.2
Thermal Activation

Temperature is the other important factor since it allows overcoming the energy
barriers between two different dislocation configurations. Several kinds of thermally
activated mechanisms, such as dislocation displacement and unpinning or disloca-
tion core transformations, have been observed or postulated [19]. A usual framework
for studying thermally activated mechanisms in materials science is the transition
state theory, in particular in its harmonic approximation [20]. Such an approach has
been shown to be valid as long as energy barriers are not too small or, equivalently,
temperatures are not too high, which is generally the case for dislocations.

It is essential to emphasize that thermal activation does not favor any specific
direction, conversely to the mechanical driving force. The displacement of a
dislocation under the sole action of temperature is equivalent to a random walk.
Also, thermal activation is essentially restricted to spatially localized mechanisms,
that is, involving a limited number of atoms. In fact, the probability to perform a
specific collective displacement of atoms by thermal motion is rapidly decreasing as a
function of the number of atoms.

333
Combination of Stress and Thermal Activation

Temperature and stress, combined together, will help to overcome the energy barrier
associated with a change in the dislocation configuration, leading to a displacement
or to a core transformation. The relative importance of each factor depends on the
investigated mechanisms. The energy barrier can be overcome, thanks to stress.
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For instance, the critical stress required for displacing a dislocation without any
thermal activation, thatis, at 0 K, is called the Peierls stress. The latter is an important
quantity that is usually determined by numerical simulations or by interpolating
measurements at finite temperature. Conversely, mechanisms leading to transfor-
mation of dislocation cores can be activated only by temperature.

Several regimes can therefore be obtained for a single material, depending on the
magnitudes of stress and temperature. Typically, stress is the main driving force in
many systems such as metals for an isolated dislocation. But in materials with a high
lattice friction such as covalent or geophysical systems, the weight of thermal
activation in dislocation-related mechanisms grows. In the case of dislocation
nucleation, we will see that both temperature and stress are important.

3.4
Dislocation and Surfaces: Basic Concepts

To study the formation of a dislocation from a surface, itis helpful to first examine the
situation where the dislocation is already present in the system and still in interaction
with the surface, that is, close enough.

3.4.1
Forces Related to Surface

The presence of a surface introduces an additional complexity in the study of
dislocations. In fact, it is well known that there is a long-range interaction on the
dislocation due to the surface [9]. This interaction can be understood by considering
thatthe self-energy of a dislocation is decreasing when the dislocation is brought closer
to the surface. Alternatively, one can consider that there is relaxation of the stress field
of the dislocation by the surface, thus lowering the energy. Another possible subtle
effectis therelaxation of the surface stress by the dislocation. The total energy change is
equivalent to an attractive force between the dislocation and the surface.

The interaction force between the surface and a dislocation can be derived in the
most simple cases using the concept of an image dislocation located in a symmetric
position relative to the surface. For a straight edge dislocation with a line parallel to
the surface, this force is inversely proportional to the dislocation—surface distance d,
and is equal to

R

1 4xd (3.2)

where K is a function of the elastic constant parameters depending on the dislocation
character. Due to this force, a dislocation segment of length ! is drawn closer to the
surface. In the specific case of interest here, we consider a half-loop dislocation whose
two ends are in connection with the surface (Figure 3.2). This is equivalent to a
pinning of the half-loop dislocation by the surface. Therefore, in addition to image
interactions, there is an additional line tension force exerted on the half-loop
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Figure 3.2 Schematic representation of a ofthe Burgers vector are be and bg, relative to the
circular half-loop dislocation of Burgers vectorb  dislocation front. Fs and F,; are forces acting on
nucleated from a surface and propagating in a  the dislocation associated with surface

slip plane (white), making an angle 0 with the interaction and stress, respectively.

surface normal n. Edge and screw components

dislocation that tends to bring the dislocation closer to the surface. In the following,
the total force resulting from the interaction of a half-loop dislocation and the surface
is called F.

34.2
Balance of Forces for Nucleation

We now analyze the balance of forces exerted on a spherical half-loop dislocation of
radius R, as represented in Figure 3.2. The force F; due to the surface tends to bring
the dislocation closer to the surface, thereby reducing R. Conversely, for the
appropriate stress direction, the force F, associated with stress relaxation tends to
propagate the dislocation into the material, thus increasing R.

Because these forces are opposed, there is no possible stable configuration.
The energy of the half-loop dislocation as a function of R is schematically represented
in Figure 3.3. Depending on the value of the stress applied on the dislocation, there
are two possible regimes. For low or moderate stress, the energy firstincreases until it
reaches a maximum, defining an unstable equilibrium configuration, and then
decreases. This maximum, characterized by an energy E, and a radius R, has to be
overcome by thermal activation for nucleating a propagating dislocation. Otherwise,
for stress higher than a given value o, the stress contribution is large enough for the
energy barrier to vanish, the dislocation formation process becoming athermal. o is
the critical stress for nucleating dislocation, comparable to the Peierls stress for
displacing dislocation in bulk materials.

343
Forces Due to Lattice Friction

Up to now, we have discussed the balance of forces for dislocation nucleation from
the surface without taking into account the lattice friction of the materials. In fact, to
propagate into a material, a dislocation must overcome the lattice resistance, whose
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Energy variation

Half-loop dislocation radius

Figure 3.3 Possible energy variations as a function of the radius of a nucleated half-loop
dislocation, and definition of the activation parameters for stresses lower than the critical stress o..

magnitude depends on the nature of the material itself. In fcc metallic systems, this
resistance is very low and additional barriers in the energy variation can be safely
neglected (Figure 3.4). Conversely, in covalent systems, the lattice friction may be very
large and these energy barriers could be in the same range or even larger than the
activation energy due to surface forces. Then, they have to be considered in
the mechanism of dislocation formation from the surface of covalent materials
(Figure 3.4). In any case, itis clear that the nucleation of a half-loop dislocation from a
surface is possible only if stress and temperature reach values required for dislocation
propagation in the bulk.

<— Covalent

Energy variation

fcc metal —

Half-loop dislocation radius

Figure 3.4 Examples of possible energy variations as a function of the radius of a nucleated half-
loop dislocation, taking into account the lattice friction for fcc metallic and covalent materials.
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344
Surface Modifications Due to Dislocations

In addition to the above-discussed interaction, a dislocation will change the surface
state when it is nucleated or when it leaves the material, which involves an energy
variation. The most important (and often visible) surface modification is the creation
of a step or a decrease/increase of the height of an existing step. This modification is
bounded by the two surface points pinning the half-loop dislocation.

The change of the step height is given by &(be - n), be being the edge component of
the Burgers vector and n the surface normal (Figure 3.2). Defining the angle 6
between the surface normal n and the dislocation slip plane, the step height change is
+be cos(6).

3.5
Elastic Modeling

3.5.1
Elastic Model

We aim at determining the energy of the configuration represented in Figure 3.2 in
the case of an isotropic medium, relatively to the same system but without the
dislocation. In early analyses of dislocation nucleation at surface, it was usually
assumed that the self-energy of the half-loop dislocation is simply half the self-energy
of a full circular dislocation loop [7-9, 21, 22]. A more accurate formulation has been
proposed by Beltz and Freund, who introduced a correction factor m in the
logarithmic part of the energy [23]. The self-energy of the circular half-loop is
therefore given by

U= HSZEZ—_V;) R {ln (SmbaR> 72} (3.3)

In (3.3), u is the shear modulus, v is the Poisson coefficient, a = b/ry is a
nondimensional factor defining the unknown dislocation core radius ry, and m is
a geometrical parameter that depends on the Poisson coefficient, the system
geometry (angle between surface and slip plane), the shape of the loop, and the
Burgers vector orientation. m is necessarily bounded by 0 and 1, but is generally not
known. In their seminal work, Beltz and Freund proposed an expression for m in the
case of a circular half-loop in a slip plane perpendicular to the surface [23].

The total energy of the system should also include the energy gained by enlarging
the dislocation loop, that s, the work associated with stress relaxation. This quantity is
proportional to the area swept by the dislocation that is 7R? /2 in the case of a circular
half-loop, yielding

1
W = —~aR%cb (3.4)
2
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In the framework of linear isotropic elasticity theory, the latter quantity can also be
expressed as a function of the applied deformation ¢. In the case of an uniaxial
deformation, o = 2u(1+ v)se, s being the Schmid factor, and W is now given by

W = —ub(14v)nR*se (3.5)

A third possible contribution to the total energy is related to surface modifications
after dislocation formation. Since the step height change is given by +b. cos(0), the
corresponding energy variation is

Es = £2Rb, cos(0)y, (3.6)

¥, is equivalent to a surface energy in the case of a high step. When a single step is
created in coherence with the crystal structure, bey, is a step energy. Note that very
small energy contributions due to dislocation pinning points at the surface are
neglected here.

Finally, we have to consider the situations where single partial dislocations are
nucleated from the surface. In such case, the propagation of dislocation into the
crystal is accompanied with the formation of a stacking fault. Defining the stacking
fault energy y, the additional contribution is

Er = %nRzyf (3.7)
Combining (3.3) and (3.4) or (3.5) and (3.6) and eventually (3.7) provides the total
energy E(R,0) (or E(R, €)) associated with the formation of a half-loop dislocation of
radius R from a surface for a stress o (or an applied deformation é&).
It is quite instructive to plot the different contributions to the total energy as a
function of R, as shown in Figure 3.5. Here we have selected realistic values for the

Energy variation

Half-loop dislocation radius

Figure 3.5 Variation of the different energy contributions from the elastic model (described in
the text) as a function of the radius of a nucleated half-loop dislocation, using realistic values for the
different parameters. Inset shows these variations for a very small radius.



70

3 Oniset of Plasticity in Crystalline Nanomaterials

different parameters entering into Eqs (3.3)—(3.7). These correspond to a nucle-
ated partial dislocation with a leading 90° orientation, in aluminum, leaving a step
on the surface. For large R, it appears that the step energy Es is negligible
compared to the other contributions. The energy cost E for stacking fault creation
in the case of partial dislocations, quickly increasing due to the R? dependence, is
also emphasized. The inset in Figure 3.5 shows the energy variation for small
values of R. A local minimum is present in the total energy curve, because of the
RInR dependence on U(R). This minimum occurs for R values typically lower
than the core radius ry, where the validity of elasticity theory is obviously
questionable. Therefore, this minimum has no physical meaning within the
framework of the elastic model.

3.5.2
Predicted Activation Parameters

Knowing the expression of the total energy, it is straightforward to determine the
activation parameters E, and R. as a function of the stress or the deformation. R,
corresponds to the maximum energy, which is obtained when 9E(R)/0R = 0 or

S (o5

)-1)+ (re-2ub(1 4 w)seR & b cos(O)y, =0

(3.8)

in the case of an applied deformation . There is no analytical solution, and R, has to
be determined numerically. Once R.(¢) is known, E,(¢) = E(R.,¢) is easily
computed.

Figure 3.6 shows the variation of R.(¢) and E, (¢) as a function of ¢ using the same
parameters as in Figure 3.5. In the regime of small deformation, both the predicted
activation energy and the critical radius are large, suggesting that a thermally
activated dislocation nucleation is highly unlikely. An increase of the applied stress
leads to a sharp decrease of both quantities, approximately according toa 1/ e relation.
Itis difficult to set a defined boundary, but one can reasonably consider that the onset
of plasticity by half-loop dislocation nucleation would occur when E, becomes lower
than about 2 eV. In fact, a rough estimation of the time required to activate one event
at room temperature for such an activation energy is on the order of the duration of a
usual deformation experiment. For high applied stresses, both activation energies
and critical radius are predicted to decrease. Finally, when the strain (or equivalently
the stress) is larger than the athermal threshold, defined in Section 1.4.2, the
activation energy vanishes.

353
What is Missing?

In order to use the elastic model, one has to determine two parameters: m that is a
geometrical factor and « that is linked to the dislocation core radius. In the original
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Figure3.6 Variation ofthe activationenergy E,  area), a thermal activation of the nucleation
(left scale) and critical radius R (rightscale) asa  mechanism is unlikely. For large deformations

function of the resolved shear strain se for (right gray area), the validity of the elastic model
similar parameters than in Figure 3.5. Open is questionable. Inset recalls the definition of E,
symbols are data obtained from atomistic and R, as in Figure 3.3.

calculations. For small deformations (left gray

formulation of Beltz and Freund, m was determined for a specific geometry and it
varies from 0.5 to 0.6 for a Poisson ratio ranging from 0 to 0.5. However, the extent of
variation in a general case is not known. Besides, it is not possible to determine
accurately a, which is often set to values between 2 and 4 in elasticity studies.
Unknowns m and a are not independent in (3.3), meaning that only the product
ma has to be determined. Such a feat could be achieved using numerical simulations
at the atomistic level, as will be shown in the following section.

Moreover, this elastic model is built on several assumptions. For instance, in the
Beltz—Freund derivation of (3.3), the half-loop dislocation is assumed to be perfectly
circular. However, in the general case, a full dislocation loop is likely to adopt an
elliptical shape, since edge and screw dislocation segments have different energies
and mobilities. An elliptical half-loop dislocation could be taken into account in the
elastic model, with the transformation R* — ¢R? in (3.5) and (3.7), and R—eR
in (3.6). The parameter e defines the ellipticity of the loop.

Other assumptions concern the determination of the resolved shear stress on the
dislocation from the applied deformation, or conversely. There are two issues here.
One is related to the use of linear isotropic elasticity theory, which could not be well
suited for strongly anisotropic materials, or for large applied deformations. The other
is the inhomogeneous character of the stress depending on the system geometry.
In fact, the presence of an initial step on the surface obviously changes the stress
distribution. As shown by several authors, there is a stress increase in the vicinity of
the step [24, 25]. This is expected to favor dislocation formation and is not taken into
account in the elastic model, which assumes an homogeneous stress distribution.
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Finally, one has to keep in mind that the validity of the elastic model becomes
questionable when R. is on the same order than the unknown dislocation core radius
ro. Therefore, it is doubtful that it could be used for determining o, the critical stress
for which the energy barrier is vanishing. In this particular case, it appears necessary
to use atomistic modeling. The latter could also be necessary for investigating
systems with a large lattice friction. Indeed, the modification of the atomic envi-
ronment at the surface is expected to change this lattice friction, which may be locally
higher than that in the bulk. Therefore, an additional energy barrier for the very first
steps of dislocation nucleation, due to the surface (or the step), could be the critical
factor. Additional effects like surface or step reconstructions are also expected to
influence the nucleation process. These atomistic effects are clearly not described in
the elastic model.

354
Peierls—Nabarro Approaches

It is possible to make more accurate investigations of the dislocation nucleation
process by incorporating selected information at the atomic scale. The well-known
Peierls—Nabarro approach allows solving some of the previous issues, however at
the expense of an increased complexity. Hence, extensions of the original 1D
Peierls—Nabarro model [26, 27] have been developed for dealing with similar 2D
and 3D problems [28-30]. The dislocation nucleation from a surface has been
investigated by Li and Xu using a general variational boundary integral formulation
of Peierls—Nabarro model [31]. This framework allows to deal with complex system,
but requires the use of numerical simulations like finite element calculations. Li and
Xu showed that an increase of the step height leads to a large reduction in the
activation energy and studied the influence of slip plane and step inclinations.

Compared to the above elastic model, the stress inhomogeneity is taken into
account in these calculations. Also, there are no limitations regarding the shape of the
dislocation loop. Partial information on the dislocation core is included in the
calculations through empirical models or from generalized stacking fault surfaces
determined with atomistic simulations. Nevertheless, it is of interest to note that the
dislocation core is still approximately described within these approaches, and that the
influence on the nucleation process of atomistic details of the surface and step cannot
be dealt with.

3.6
Atomistic Modeling

In order to remove the limitations reported in the previous section and to determine
the input parameters in the elastic model, theoretical investigations can be made by
using atomistic simulation methods. Within this framework, the description of the
dislocation nucleation process is done at the atomistic level, which allows access to
the very beginning of a half-loop dislocation formation. Generally, one can also expect
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a better accuracy than with elasticity theory. Unfortunately, it is not all rosy. The first
downside of these methods is the usually large computational effort, which results in
strong limitations in the size of the considered system and in the timescale for
dynamic simulations. This aspect is especially important for first-principles calcula-
tions, for which simulations typically include only few hundreds of atoms, with
durations on the order of picoseconds. Other methods such as classical molecular
dynamics allow to deal with much bigger systems with larger timescale, although the
characteristic duration of such a simulation is typically in the nanosecond range.
Classical simulations also generally imply an undefined loss of accuracy compared to
first-principles calculations.

The second downside of atomistic simulations is that the general nature of the
elastic treatment is lost. In fact, it is more difficult to determine a general behavior
since the investigated process can depend on the atomistic details of the input system,
such as the structure of the surface or a step. More simulations are then required to
study the possible configurations.

3.6.1
Examples of Simulations

Most of the few atomistic investigations of dislocation nucleation from surfaces are
recent and are focused on simple materials. The aim appears to be a full under-
standing of the process rather than to numerically reproduce experiments made with
real and complex systems. The nucleation of a half-loop dislocation in a ductile simple
fcc metal like aluminum has been studied by the authors. Classical molecular
dynamics simulations at RT of a stressed Al(100) slab showed the formation of a
half-loop partial dislocation from steps initially built on the surface (Figure 3.7) [32].
The nucleation started at an imposed tensile strain of about 6% (with an orientation
perpendicular to the surface step), the dislocation gliding in the (111) plane in the
continuity of the surface step. Analyses of the dislocation revealed a 90° orientation as
expected, since it corresponds to the largest Schmid factor. An equivalent result was
obtained in copper by Zhu et al. [33], as they investigated the formation of a half-loop
partial dislocation from the flat (001) surfaces of a (100) square section nanowire
under compressive stress, and for Al and Ni in the case of dislocation nucleation from
surfaces at crack tips [34].

Covalent systems have also been considered, aiming at a better understanding
of the mechanisms relaxing the high stresses that may occur in the thin layers of
semiconductor devices [35]. For instance, Izumi and Yip have studied the
formation of a dislocation in silicon from a sharp corner, which is equivalent
to a high and straight step [36]. The nucleated dislocation exhibits a half-hexagonal
shape, which is characteristic of deep Peierls valleys as expected in covalent
materials, and glides in the dense (111) planes. Similar results were obtained for
smaller steps by the present authors (Figure 3.8). We have also shown that
depending on the range of applied strain and temperature, both partial and
perfect dislocations could be nucleated [37, 38], a situation equivalent to what is
observed in bulk silicon [8, 39].
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Figure 3.7 Snapshot of a molecular dynamics
run at RT showing the formation of a half-loop
partial dislocation in a Al(100) slab, leaving a
stacking fault connecting with a step on the
surface. Only atoms in a nonbulk environment

3.6.2
Determination of Activation Parameters

are represented to ease the visualization. With
the chosen color code, the dislocation core and
stacking fault are represented by blue atoms,

whereas atoms forming the surface step are red.

The usual and most appealing simulation framework for investigating thermally
activated atomistic processes is molecular dynamics [40, 41], since it allows mim-
icking the dynamical behavior of the system within various conditions. However, due
to computing limitations, the timescale of simulations is severely restricted, which

Figure 3.8 Snapshot of a molecular dynamics run at 600 K showing the formation of a half-loop
dislocation in a Si(100) slab, starting from a (111) edge. Only atoms in a nonbulk environment are

represented to make the visualization easier.
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prevents an efficient exploration of the onset of plasticity. In fact, the latter occurs,
thanks to a single event, the first nucleated dislocation being usually followed by
many others. In an experiment, the probability to observe this initial process is not
negligible at moderate stress due to macroscopic timescale. With molecular dynam-
ics, very high stresses, close to the athermal threshold, have to be reached for making
the activation possible in the simulations. As a consequence, only a very small stress
range could be investigated, and this approach appears to be not suited for a
quantitative determination of the activation energy.

Alternative methods to investigate activated processes with high-energy barriers
(i-e., rare events) are available. Among the many different flavors of transition-state
determination techniques, a chain-like method such as nudged elastic band
(NEB) [42] is a favorite nowadays since it is fast, easy to use, and implemented in
several computational packages. In an NEB calculation, a set of image configurations
allowing to transform a given system from an initial to a final state are first built, and
the consecutive images are then linked by springs in configurational space. The
relaxation of these images leads to the minimum energy path (MEP), from which the
activation energy can be easily deduced. Note that the use of such a method for
dislocation nucleation is somewhat tricky [43, 44].

Figure 3.6 shows the critical radii and activation energies determined by NEB
calculations for four different applied strains, in the case of an (001) aluminum
surface including a one-layer width step. These values have been used for fitting the
elastic model described above, considering that the dislocation half-loop may be
elliptical. The best fit is reached for ma = 1 and an ellipticity factor e = 1.05, both
reasonable numbers. In fact, using m ~ 0.5, a value close to the one given in the
original paper from Beltz and Freund, the core radius factor « is found to be about 2.
Besides, eis close to 1, justifying the use of the circular half-loop approximation in this
specific case. This point is confirmed by the analysis of the shape of the half-loop
dislocation, which can be accessed from NEB calculations. Finally, this resultindicates
that the developed elastic model is sound and captures most of the physical aspects
underlying the nucleation of half-loop dislocation from surfaces, atleast for fcc metals.

Itis worth to mention two shortcomings of the approach. First, although a constant
applied stress is assumed in the elastic model, atomistic simulations have been
performed with a constant applied strain. In the latter, the resolved shear stress is
expected to decrease when a dislocation is formed and propagates through the
system, a property that is not included in the elastic model. Second, an NEB
calculation is intrinsically static, that s, it only allows computing the internal energy
barrier and not the free energy barrier. Vibrational contributions, which are known to
be important for many dynamical systems, and inertia effects are not accessible with
the NEB method, unlike molecular dynamics. It is difficult to estimate the impor-
tance of both issues on the activation energy and the critical radius curves.

3.6.3
Comparison with Experiments

Ideally, the next step would be a thorough comparison of predictions given by the
theoretical approaches with available experimental data. Unfortunately, such a featis
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difficult to achieve. We have already mentioned that the true onset of plasticity is
difficult to measure in nanoscaled systems. Furthermore, the modeling corresponds
to an ideal material that can be relatively far from the real material. For instance, it is
well known that most of the mechanical tests of nanopillars have been performed
with samples prepared using a focused ion beam technique, which tends to leave a
nonnegligible concentration of Ga atoms in the surface.

Nevertheless, theoretical approaches are expected to provide the correct orders of
magnitude when compared to experiments. Navarro et al. have recently examined the
onset of plasticity from gold surfaces with nanoindentation [45]. The measured shear
stress are 2.1 and 1.6 GPa for flat and stepped surfaces, respectively. In the case of Al
investigated here, the computed values for the elastic limit correspond to yield
strengths of few GPa, thus in the same range.

Generally, it seems that theoretical data are overestimated compared to experi-
ments, typically by a factor of 2 or 3. The mostlikely explanation for this discrepancy is
the difference in space and timescales between numerical simulations and experi-
ments. In fact, due to computer limitations, molecular dynamics calculations are
usually limited to tens of nanoseconds. Accordingly, the strain/strain rates used in
the numerical simulations are unrealistically high [33]. Since the nucleation of the
initial dislocation is a stochastic event, the associated onset of plasticity is most likely
to occur during an experiment time on the order of a second. As aresult, higher stress
is required in simulations for initiating plasticity. This issue is known for the
investigation of dislocation mobility in bulk materials [46, 47] and has been recently
examined for the nucleation of dislocations in nanomaterials [33, 43]. Another
possible discrepancy origin is the difference in dimensions between simulations
and experiments. For instance, periodic boundary conditions are mostly used for
modeling infinitely long nanowires from a small system. The number of possible
nucleation sites is, therefore, much smaller than that in a real sample, which makes
the dislocation nucleation less likely in simulations. These aspects should be kept in
mind when comparing modeling with experiments.

3.6.4
Influence of Surface Structure, Orientation, and Chemistry

In the elastic model described in the previous section, we have considered the general
case of a surface, with a step of arbitrary height or without. Nevertheless, a step is
generally used in atomistic studies, for it has been shown not only to decrease the
amount of strain required for dislocation nucleation but also to localize the nucle-
ation event. Now, since the elastic model has been fitted by considering stepped
surfaces, the stress modification due to the step is taken into account, although it is
not explicitly included in the model. Test simulations, performed for flat surfaces,
suggest that this effect could amount to several tens of electron volts for large applied
strains. Recently, Li and Xu have investigated the effect of step height and angle
relative to the surface using a Peierls—Nabarro framework [31]. A significant
reduction of the required stress is obtained when the step height increases, this
effect being stronger for low angles. This result was recently confirmed by atomistic



3.6 Atomistic Modeling | 77

simulations in metallic systems [43]. These investigations also revealed a nonmo-
notonous behavior between mono- and multilayer steps, which seems to be linked
with the atomic structure of the step. In a covalent material like silicon with a strong
directional bonding, such an effect is expected to be even more important. In these
materials, dislocation cores are usually complex [39] and several step geometries are
possible. Godet et al. have shown that the initial formation of the core would depend
on the step geometry [48].

Other aspects such as the influence of kinks on the steps and of the surface
chemistry have not been extensively studied. Atomistic simulations aiming at
the formation of dislocations from steps with kinks suggested that kinks are not
favorable nucleation sites [32]. This point is supported by experimental evidences that
dislocation nucleation is easier from straight than irregular steps (B. Pichaud, private
communication). The structure of the surface has also been shown to have a
paramount importance for the nucleation process. In fact, first-principles simula-
tions of silicon surfaces under stress [49] revealed that while dislocation formation
succeeded from bare reconstructed surfaces, the nucleation is hindered when the
surface is passivated with hydrogen (Figure 3.9). This result obviously calls for
additional investigations.

Finally, there have been very few investigations of the influence of the surface
orientation regarding the dislocation formation process. Different orientations
would mean the selection of different slip planes, as well as different step geometries.
Although the atomic structure is not taken into account in their analysis, Li and Xu
have shown that when the angle between the surface and the slip plane is smaller,

Figure3.9 Successive steps (from lefttoright)  presence of hydrogen atoms passivating the

of the first-principles relaxation of a stressed surface prevents the dislocation formation at
silicon slab. At the top, a single dislocation is  the surface, which occurs by homogeneous
nucleated at the step edge and propagates nucleation into the slab.

toward the opposite surface. At the bottom, the
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Figure 3.10 Snapshot of a thin buckled Al slab after the nucleation and propagation of several
partial dislocations, resulting from the modeling of a delamination process. Only atoms in a nonbulk
environment are shown for clarity. Courtesy of J. Durinck et al. [51]

dislocation nucleation becomes easier. In the different context of brittle-to-ductile
transition, an atomistic study of dislocation emission from crack tip also pointed to a
significant effect of the surface orientation [50].

3.7
Extension to Different Geometries

The elastic and atomistic modeling of the onset of plasticity described in the previous
sections deals with flat surfaces, eventually containing steps, under the action of a
unixial stress (strain), which is rather typical of epitaxial thin films. However, there
are other configurations for which the dislocation nucleation from surfaces is
expected to be the main plastic mechanism. For instance, molecular dynamics
studies of the buckling of metallic thin films revealed the nucleation of many
dislocations from the surface (Figure 3.10). Other cases include the nucleation of
dislocation from crack tip [52].

The process of dislocation nucleation from surfaces has recently regained atten-
tion with the development of nanowire/nanopillar deformation tests [11, 53-57].
Most of the investigations performed with atomistic simulations focused on cylin-
drical nanowires with diameters usually lower than 10 nm. For fcc metals, a general
result of these simulations is the nucleation of dislocations from the surface [58-60].
For such small diameters, the curvature of the surface wire is large and is clearly
expected to play a significant role in the process of nucleation. This aspect is not
included in the model described in the previous sections, and to our knowledge no
attempts have been made to develop an appropriate framework. Nevertheless,
experimentally investigated metallic nanopillars have much larger diameters, gen-
erally greater than 200 nm. In this case, the surface curvature is small and large flat
terraces are likely to exist. The model of surface nucleation should therefore be
appropriate.

Atomistic simulations have also been performed for small nanowires made of
covalent materials, with a focus on the size effect in the brittle-to-ductile transition
[61, 62]. Conversely to metals, very thin covalent nanowires can be synthesized.
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Although almost spherical nanowires have been studied, reconstructed facets should
be predominant for low-diameter nanowires. The influence of the nanowire section
shape then becomes another factor to consider [63]. Note that in the case of a
nonrealistic square Cu nanowire, the onset of plasticity has been predicted to occur
from dislocation nucleation at the edge rather than at the surface [33].

3.8
Discussion

In this chapter, we have investigated the onset of plasticity in single-crystalline
materials having one or several nanometric dimensions, in the framework of
elasticity theory and atomistic simulations. The elastic modeling of the nucleation
of a dislocation from a surface allows a qualitative description of the process. This
model requires to be fitted on atomistic simulations, and one may wonder whether its
use is judicious if these simulations have to be performed for each new system.
However, it has been shown that only one parameter has to be fitted, and that the
resulting value was close to what could be expected. Accordingly, one can tentatively
assume that the proposed elastic model could be used for investigating the dislo-
cation nucleation process in other metals like Au, Ag, Pb, or Ni, simply by using the
correct physical data and the same fitted parameter. Conversely, for other families of
materials such as bcc metals or covalent systems, further atomistic investigations are
certainly required.

We have discussed in the preceding sections several issues that tend to make
harder the numerical determination of quantities such as the critical stress corre-
sponding to the onset of plasticity in experiments. Yet, the effect of the large
differences in timescale and space scale between experiments and simulations has
been examined by several authors, and ways to solve the problems have been
proposed. Therefore, it should be possible to use the model described here to
compute critical stresses for different systems, apply the proposed corrections, and
compare with available experiments. To our knowledge, such a systematic compar-
ison remains to be made. Besides, yield stress estimations proposed in experimental
papers are usually derived from crude assumptions.

For the specific case of nanowires and nanopillars, the effect of size should be
examined. In particular, for the smaller ones, it would be necessary to take into
account the surface curvature. This is especially important for nanowires with
midrange diameters, too large to be dealt with atomistic simulations, but for which
these effects could be important.

Finally, in experiments, the onset of plasticity due to the nucleation of an initial
dislocation is often followed by the formation and propagation of other dislocations in
adjacent planes. A similar avalanche mechanism, spanning a very short time, is seen
in atomistic simulations. The formation of these successive dislocations seems to be
easier, thanks to a dynamical and geometrical effect. Nevertheless, a full under-
standing of this process is still lacking, which would certainly help for a better
comparison between experiments and simulations.
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